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The application of the Osprey process to the fabrication of newly developed AI-20Si-X alloys 
is at present a subject of considerable interest. This paper reports the results of a study on the 
as-spray deposited structural characteristics of an AI-20Si-5Fe alloy preform and their 
development during subsequent hot extrusion and high-temperature exposure, by means of 
X-ray diffraction, differential scanning calorimetry and electron microscopy. It is shown that in 
the as-spray-deposited preform of the alloy an unusual increase in the lattice parameter of the 
aluminium matrix was detected, which persisted throughout the processing. No evidence of 
supersaturation in the preform aluminium matrix could be found, which is considered to be 
associated with the characteristics of solidification and subsequent decomposition of the 
hypereutectic alloy during spray deposition, this allows the extensive formation of second 
phases and thus a substantial decrease in the solute enrichment of the solution. A metastable 
intermetallic phase, identified as 5-AI4FeSi 2, together with silicon phase, was present as the 
predominant dispersed phase in the preform, and its transformation into the equilibrium phase, 
13-AIsFeSi, through a peritectic reaction under the equilibrium conditions, must have been 
effectively suppressed during the Osprey process. The 5-phase initially with a platelet shape 
was fragmented into short rods during the extrusion subsequent to spray deposition, while a 
part of this phase was transformed into the equilibrium IS-phase under the combined influence 
of heat and deformation. The refinement of the 8-phase, on the other hand, was found to 
decrease its metastability and thus to promote its decomposition during subsequent annealing 
at 400~ The coexistence of the high volume fractions of the intermetallic and silicon phases 
in the extruded material greatly modified its restoration kinetics, resulting in a partially 
recrystallized microstructure, after prolonged soaking at 400 ~ for 100 h. Also shown is a 
peculiar microstructure of the as-spray-deposited material with numerous spherical colonies of 
10-20 #m, characterized by the finer silicon particles and S-phase platelets in their interior and 
occasionally decorated with micropores at their peripheries. These colonies are considered to 
originate from the remains of very fine droplets and particles in the larger droplets, which are 
presolidified in flight and then partially remelted at the deposition surface. The colonies were 
mixed up with the rest of the microstructure and the micropores closed by applying an 
extrusion operation. 

1. I n t r o d u c t i o n  
It has generally been recognized that the Osprey 
process is an innovative technique of spray deposition 
which can be used to produce rapidly solidified, near- 
net-shape materials [13. In this process, droplets are 
first atomized from a molten metal stream, quickly 
cooled by an inert gas, then deposited on a substrate, 
and finally built up to form a low-porosity deposit 
with a required shape (preform) E23. Apparently, a 
unique feature of this process is that the separate steps 
of atomization and primary consolidation normally 
involved in the conventional powder metallurgy 
(P/M), the techniques most often used to fabricate 
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rapidly solidified materials [3], are combined into a 
single operation and completed in a closed chamber 
with a protective atmosphere. As a result, a number of 
drawbacks that the powder metallurgy possesses, such 
as multi-step processing and easy powder contamina- 
tion by oxygen and hydrogen, no longer exist [4]. The 
simplification in processing and thus reduction in 
fabrication cost are markedly in favour of the applica- 
tion of the Osprey process as an alternative means of 
producing rapidly solidified materials that generally 
have improved properties. Therefore, since the emer- 
gence of this process, it has attracted world-wide 
interest. Most of the investigations so far carried out 
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have been directed toward the process control [5] and 
the theoretical understanding of spray-deposition fun- 
damentals [6-10]. A thorough understanding of the 
structural characteristics of aluminium alloys pro- 
duced by using this process and their development 
during subsequent engineering processing is, however, 
still lacking [11]. Obviously, this understanding is of 
great importance for ascertaining the solidification 
mechanisms of the process and for offering the back- 
ground to the optimum processing of the materials. 

In an attempt to develop this understanding, the 
present work was undertaken by characterizing the 
structures of an AI-20Si-5Fe alloy throughout a pro- 
cessing route from spray deposition through extrusion 
to high-temperature exposure that the material norm- 
ally undergoes in manufacturing and service. The 
reason for choosing this newly developed, highly al- 
loyed material as an application of the Osprey process 
is that it cannot readily be fabricated by the conven- 
tional techniques, such as casting followed by hot 
working, owing to the presence of undesirable, coarse 
silicon phase in the alloy [12]. In other words, it has to 
be produced by utilizing a technique involving rapid 
solidification. Applying powder metallurgy can pro- 
vide the alloy with very attractive properties, work- 
ability, wear resistance, and thermal stability in 
particular, but its widespread application can be lim- 
ited by its cost as a consequence of multi-step pro- 
cessing [4]. A success in applying the Osprey process, 
which is definitely much more cost-effective, will hope- 
fully enhance the prospects of the alloy as a new 
material for the applications where hot strength, di- 
mensional stability, and wear resistance are required. 
Primary tensile tests of the material produced by the 
Osprey process at room and high temperatures have 
shown very encouraging results [13], and thus the 
present work should be of help both in the alloy 
development and in the commercial adoption of the 
Osprey process. 

2. Experimental procedure 
The spray-deposited preform of the alloy, with a 
nominal composition of 20% Si, 5% Fe (wt) and 
balance aluminium, was provided by the Osprey 
Metals Ltd, UK. The preform had a cylindric disc 
shape with a diameter of about 150mm. The as- 
received preform was first subjected to chemical ana- 
lyses. Samples were taken from the preform to analyse 
the silicon and iron contents with atomic absorption 
and gravimetry methods, respectively. The results 
showed that the exact alloy composition of the pre- 
form was 19.52% Si, 4.3% Fe (wt) and balance alumi- 
nium. The oxygen content was also analysed with the 
Stroehlein OSA-MAT method, through measuring 
the amount of carbon monoxide formed during heat- 
ing samples to a temperature of about 2000 ~ The 
porosity level was determined by means of pycnome- 
try through measuring the mass and volume of prisms 
cut from the preform. 

The preform, after being cut into cylindrical billets, 
was extruded at a temperature of 375 ~ a reduction 
ratio of 10:1 and a ram speed of 5mms -1 to be 
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completely consolidated and shaped into rods as a 
semi-finished product. After extrusion, the material 
was cooled in air. To assess the effect of high-temper- 
ature exposure on the further structural evolution of 
the extruded material as possibly encountered in sec- 
ondary forming and service, the extruded material was 
soaked at 300 and 400 ~ for 100 h followed by slow 
cooling. 

A Jeol JXA 50A scanning electron microscope 
(SEM) working at 25 kV was used to observe the 
microstructures of the material in the as-spray-depos- 
ited, as-extruded and as-annealed states on both the 
transverse and longitudinal sections. SEM specimens 
were heavily etched in a 0.5% HF reagent for about 
1.5 min before being covered with a thin layer of 
carbon. The microstructures of the material were also 
examined with a Philips 400T transmission electron 
microscope (TEM) operating at a voltage of 120 kV. 
TEM disc-shaped specimens were prepared by using 
ion-beam thinning at a current of 0.5 mA and an 
inclination angle of 20 ~ . X-ray powder diffraction 
(a Siemens D500-A diffractometer with a stepping- 
motor driving system) was performed to examine the 
aluminium matrix lattice and the intermetallic phases 
of the material in the different states. CoK~ radiation 
(40 kV/25 mA) was used, detections were made at 
23 ~ and diffraction lines were recorded with a preset 
time method. To assist the structural observations, a 
thermal analysis of the Osprey preform was performed 
using differential scanning calorimetry (DSC). The 
thermal effects of a specimen of about 30 mg were 
compared with those of pure aluminium (99.99%) 
with a similar weight, heated at a rate of 5 ~ min- 1 in 
a Du Pont type 9900 DSC instrument. 

3. Results and discussion 
3.1. Characterization of the Osprey preform 
3. 1.1. Oxygen content 
The chemical analysis showed that the oxygen content 
in the preform, being independent of sampling loca- 
tions, varied between 0.01% and 0.02% (wt). Such a 
small amount of oxygen in the preform appears to 
come mainly from the retained oxygen in the melt 
feedstock, because additional oxidation during spray 
deposition should be very limited. The reason is that 
the short-time exposure (typically a few milliseconds) 
of the material in the droplet form with a high specific 
surface area to the surrounding protective atmosphere 
(nitrogen) with only a trace of oxygen does not permit 
extensive oxidation to occur. The measured low oxy- 
gen content in the preform clearly illustrates one of the 
major advantages of the Osprey process over the 
conventional powder metallurgy, by which it is gen- 
erally difficult to prevent oxidation of loose powder 
particles effectively during cooling, handling and pro- 
longed storage. The difference in oxygen content given 
by these two approaches is especially large for alumi- 
nium alloys, because of their strong tendency to oxida- 
tion. For example, P/M alloys with a composition 
similar to the present one were measured to have 
oxygen contents of 0.2% and 0.1% (wt) when 
atomized in air and in argon, respectively [4]. A direct 



benefit which can be gained from the low oxygen 
content is that subsequent consolidation can be imme- 
diately and more easily conducted, because in this case 
there is no need to eliminate the adsorbed hydrogen, 
which always accompanies oxides, by applying a 
degassing treatment, or to apply a very large deforma- 
tion to break up and redistribute tenacious oxide 
stringers in order to produce a coherent structure. 
Furthermore, improvement of such properties as 
fatigue strength and fracture toughness, that are 
sensitive to oxide inclusions, can be expected. 

3. 1.2. Aluminium matrix lattice 
An X-ray diffraction (XRD) line from the aluminium 
matrix of the as-spray-deposited material is shown in 
Fig. 1, and compared with that from pure aluminium. 
The broadening of the reflection peak can easily be 
noted, which implies an alteration in crystallite size 
and the presence of micro-strains in the aluminium 
matrix of the preform. In general, two major factors 
can be considered which contribute to the line broad- 
ening of t'he aluminium matrix of ANSi based alloys, 
in addition to instrumental conditions, specimen sizes, 
etc. The first one is the difference in atomic volume 
between silicon in dissolved and precipitated forms. If 
this factor was involved, the precipitation of silicon 
from the aluminium matrix would result in the relaxa- 
tion of the micro-strains and thus a change in the 
breadth of diffraction lines. The examination of the 
matrices of the material, having undergone extrusion 
where precipitation was expected to occur, however, 
showed no further change in the breadth of diffraction 
lines at the half maximum [13]. This means that the 
first factor is not significant, or even not existent in the 
present case. The second factor considered to result in 
the diffraction line broadening is the large difference in 

thermal expansion coefficient between the aluminium 
matrix and the dispersed silicon phase, which creates 
tensile strains in the matrix lattice during cooling from 
a high temperature [14]. Owing to the relatively slow 
cooling of the Osprey process over the temperature 
range of solidification, a high volume fraction of sil- 
icon phase (about 15%) was formed. During further 
cooling to room temperature, micro-strains were de- 
veloped in the aluminium matrix of the material and 
thus diffraction line broadening occurred. Because the 
subsequent extrusion did not produce an increased 
amount of silicon phase, which has been confirmed by 
the DSC analysis and will be described later, the 
micro-strains and thus the line broadening remained 
unchanged. 

Fig. 1 also shows a shift of the diffraction line 
toward a lower angle, indicating an increase in the 
average lattice parameter of the aluminium matrix of 
the preform. Calculated from the {331} reflection, the 
average lattice parameter was 0.03 % larger than that 
of pure aluminium (a = 0.40494nm, ASTM card 
4-0787). This result may be surprising at first sight, 
because the dissolved atoms in the alloy, silicon and 
iron, both tend to decrease the lattice parameter of the 
aluminium matrix [15]. The unusual increase as ob- 
served in the present case, seemingly typical in AI-Si 
dual-phase alloys, is also considered to be caused by 
thedifference in thermal expansion coefficient between 
the aluminium matrix and the silicon phase with a 
diamond structure (the linear thermal expansion coef- 
ficient of aluminium is about eight times greater than 
that of silicon) [16]. The thermal expansion coefficient 
of the 6-phase with a tetragonal lattice structure which 
is also dispersed in the aluminium matrix is not 
expected to differ very much from that of the matrix. 
In order to keep structural coherence between the 
aluminium matrix and the silicon particles in the 
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Figure 1 XRD lines as determined from the preform matrix and from pure aluminium. 
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material cooled from its solidification temperature, 
tensile stresses were developed in the matrix and thus 
an increased average lattice parameter of the alumi- 
nium matrix was measured. In this case, the usual 
correlation between the matrix lattice parameters and 
the amount of solute in the matrix is disturbed, a 
phenomenon also observed in a melt-spun AI-12Si 
alloy, which was presumed to have a high level of 
supersaturation but showed only a marginally low- 
ered matrix lattice parameter [17]. Therefore, for the 
present A1-Si based alloy, measuring the preform 
lattice parameter alone is not sufficient to lead to a 
conclusion about the amounts of the solute atoms in 
the aluminium matrix. To ascertain this, heating 
should be applied to the preform to allow possible 
precipitation to occur, which was undertaken by using 
DSC analysis in the present investigation and will be 
discussed later in this communication. 

3. 1.3. Intermetallic phases 
Identification of intermetallic phases in many rapidly 
solidified aluminium alloys, particularly those highly 
alloyed, appears to be much more difficult than in 
their cast counterparts, due to large departures from 
their equilibrium states. Determining the phase consti- 
tution in an aluminium alloy is, however, of great 
importance for understanding and controlling struc- 
tures and resultant properties. In the present alloy, 
undoubtedly, the massive silicon particles constitute a 

principal dispersion phase which contributes greatly 
to the unique properties of the material such as low 
density, excellent wear resistance and low thermal 
expansion coefficient. To obtain additional strength, 
especially hot strength, creating a fine, thermally 
stable intermetallic dispersoid phase (or phases) is 
essential. XRD revealed the presence of a large 
amount of the metastable phase, identified as 
8-A14FeSi2 (ASTM card 20-33), in the present Osprey 
preform. An XRD pattern is presented in Fig. 2, which 
shows that the strong reflection lines from the preform 
fit the 8-phase standard data very well and the ratios 
of the reflection intensities are virtually the same. The 
figure also shows very weak reflections from the 
equilibrium phase, [3-AI~FeSi (ASTM card: 20-31), 
coexistent in the preform. The 8-phase has a volume 
fraction of 15-20% similar to that of the silicon phase, 
estimated on the assumption that all the iron is con- 
sumed in this phase. Apparently, the 8-phase is the 
second important dispersed phase in the Osprey pre- 
form of the alloy. This phase with a shape of thin 
platelets (needles on sections) should be formed as a 
primary phase and have been transformed into the 
[3-phase through a peritectic reaction under the equi- 
librium conditions. Its retention in the present pre- 
form clearly indicates the effective suppression of this 
transformation during the Osprey process and the 
non-equilibrium state of the as-spray-deposited ma- 
terial, an important characteristic produced by a rapid 
solidification process. The positive identification of the 
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6-phase in the present Osprey A1 20Si 5Fe alloy also 
suggests that the intermetallic phase with a similar 
morphology in the powdered AI-20Si-5Fe-3Cu-IMg 
alloy [18] should be a variant, possibly with a little 
involvement of copper and magnesium [19]. 

3. 1.4. Thermal effects 
A DSC thermogram is given in Fig. 3, which shows 
the thermal effects exhibited by the material in 
the as-spray-deposited condition during heating to 
550 ~ (the lower curve), and those during reheating to 
the same temperature (the upper curve). The declin- 
ation of the dashed lines, defined as base lines to 
indicate no occurrence of thermal reactions, is due to 
the difference in heat capacity between the alloy in 
question and the reference specimen of pure alumi- 
nium, which is assumed to be a linear function of 
temperature. It can be seen from the lower curve (the 
first heating cycle) that there is no pronounced exo- 
thermic spike indicating a precipitation process over 
the temperature range between 100 and 300 ~ where 
the decomposition of a supersaturated aluminium 
matrix is expected to occur [-20]. Therefore, it is now 
manifest that there is almost no supersaturation of 
iron and silicon in the aluminium matrix of the present 
Osprey preform. At the first glance, this result seems to 
be in contradiction with the common understanding 
that the Osprey process involves rapid solidification, 
one of the common characteristics of which is exten- 
ding the solid solubility limits of alloying elements in 
aluminium. However, considering the specific cooling 

conditions of an Osprey preform, this finding is under- 
standable. During spray deposition, droplets upon 
their formation are indeed cooled very rapidly 
through forced convection and radiation as occurring 
in normal atomization. The exact cooling rates at this 
stage depend mainly on individual droplet sizes under 
a given atomizing condition. For the droplets finer 
than a critical size, high cooling rates enable them 
to solidify completely during their flight, and con- 
siderable degrees of supersaturation and metastable 
phase formation can be expected in these presolidified 
droplets. After arriving at the deposition surface, how- 
ever, they tend to be reheated or probably partially 
remelted in the semi-liquid/semi-solid mixture so that 
the previously attained supersaturation will be dimin- 
ished at the later stages. On the other hand, these 
presolidified droplets are only a small part of the total 
liquid, and thus their resultant supersaturation levels 
can hardly give a significant influence on those of the 
bulk preform. Most of the droplets arrive at the 
deposit surface in the semi-liquid/semi-solid state or in 
the liquid state. The solidification of the remaining 
liquid proceeds at a rate determined by the removal 
rate of the heat released due to solidification, mostly 
through the thermal transfer to the atomizing gas that 
flows quickly along the surface of the preform. That 
cooling rate has been estimated to be between 102 and 
10 4 K s  -1  [-4]. Those droplets successively form a 
"mushy" layer on the pre-existing deposit. It has been 
established that in the case of successful functioning of 
the Osprey process, the "mushy" layer has to be 
1-2 mm thick and to contain 10%-40% liquid mater- 
ial E5]. More importantly, the temperature of the layer 
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must be close to the solidus of an alloy being depos- 
ited, which obviously facilitates the extensive forma- 
tion of second phases. According to the A1-Si-Fe 
ternary phase diagram [19], the equilibrium solidi- 
fication of the alloy under study starts with the forma- 
tion of the 5-phase at about 800 ~ followed by the 
formation of the primary silicon phase at below 
700 ~ Below 610 ~ the formed 8-phase transforms 
into the 13-phase. At about 576~ the ternary eu- 
tecticum consisting of the m-matrix, silicon phase and 
[3-phase is reached. It is a well known phenomenon 
that in undercooled hypereutectic aluminium alloys 
the formation of a large amount of primary phases can 
be effectively prevented so that the sequence of equi- 
librium solidification events cannot be followed. From 
the appearance of the as-solidified microstructure of 
the preform with an irregular discontinuous eutectic 
characteristic, as will be shown later, this also happens 
in the present alloy and its solidification principally 
proceeds in a faceted eutectic mode. The observed 
depletion of the solute atoms in the aluminium matrix 
is clearly associated with the solidification mode, 
which will be later described at length with reference 
to the as-spray-deposited microstructure. Briefly, the 
formation of the aluminium matrix leads to a great 
enrichment of solute concentrations in the remaining 
liquid and finally to the formation of the silicon phase 
and ~-phase, due to the insufficiently high cooling rate 
and undercooling level for partitionless solidification 
offered by the Osprey process and the high driving 
force for solute partitioning of the alloy. It is very 
important to note that as the solidification proceeds 
by forming the aluminium matrix, not only thermal 
gradients are diminished but also local recalescence 
occurs. As a result, the temperature of the residual 
liquid close to the solidification front is increased and 
undercooling levels are decreased. This favours the 
rejection of a substantial amount of the solute atoms 
from the solution to form the dispersed phases. In 
other words, the supersaturation of the solute atoms 
in the hypereutectic AI-Si Fe alloy requires high lev- 
els of undercooling, but these are limited by the 
formation of the leading solid phase. Therefore, the 
combination of the compositional and undercooling 
conditions is responsible for the formation of high 
volume fractions of the dispersed phases as observed 
and thus an insignificant supersaturation of the solute 
atoms in the Osprey preform matrix. As a matter of 
fact, such a phenomenon has been observed in other 
aluminium alloys produced by other rapid solidi- 
fication techniques. In atomized AI-Si binary alloys, 
for example, when the silicon content goes beyond the 
eutectic composition, the matrix lattice parameter 
shows a tendency of approaching or even exceeding 
the lattice parameter of pure aluminium [21]. A sim- 
ilar observation has also been reported in melt-spun 
A1 Fe alloys that with the increase of iron content 
from 0.5-3.5% (wt), the matrix lattice parameter re- 
mains almost unchanged. An explanation for this 
observation is that a drainage effect, due to the tend- 
ency to the growth of an iron-bearing intermetallic 
phase, becomes stronger with rising iron content to 
counteract the entrapment of iron atoms in the solid 
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solution [22]. After solidification, the cooling rate of a 
deposit becomes low when heat dissipates mainly 
through heat conduction I-6], which has been com- 
puted to be 1-10 K s- 1 I-6-9]. This permits the solute 
elements remaining in the aluminium matrix to pre- 
cipitate out. Therefore, in view of the conditions of 
solidification and secondary cooling as provided by 
the Osprey process, finding an insignificant super- 
saturation level in the hypereutectic A1-Si-Fe alloy is 
not surprising. 

Fig. 3 shows a broad trough (see the lower curve) 
over the temperature range between 300 and 420 ~ 
which represents the occurrence of an endothermic 
reaction. This is considered to be caused largely by the 
redissolution of the silicon phase in the aluminium 
matrix, because up to 420 ~ the solubility of silicon is 
increased to about 0.31% (wt) while the solubility of 
iron remains extremely low, being about 0.0018% (wt), 
calculated from the isotherm of the A1-Si-Fe ternary 
phase diagram at that temperature [-23]. However, the 
apparent heat required for silicon dissolution, estim- 
ated by integrating the area bound by the trough in 
the figure, is lower than the previously calculated 
energy for silicon precipitation [20]. This clearly stems 
from the heat release from an overlapping exothermic 
reaction appearing over the temperature range be- 
tween 420 and 550~ overshadowing the thermal 
effect from the endothermic reaction (see the lower 
curve in Fig. 3). A comparison with the DSC trace 
obtained from the second heating shows that the 
exothermic reaction starts at about 350 ~ and prob- 
ably lasts up to the temperature of incipient remelting 
(573 ~ which is not far above the terminating tem- 
perature of the analysis (550~ Two factors have 
been considered that can account for this broad spike: 
the coarsening of the dispersed particles with an ac- 
companying decrease in their surface energy, and the 
transformation of the metastable 8-phase into the 
equilibrium 13-phase. The latter factor has been con- 
firmed by XRD and appears to be more important. 
The occurrence of the transformation at such a high 
temperature demonstrates a high requirement of ther- 
mal activation for the 8-phase decomposition. Al- 
though the transformation during the slow heating in 
the present DSC analysis has been exhibited to be 
centred at 485 ~ (Fig. 3), it will be shown later that in 
the material extruded at a preset temperature of 
375 ~ and a reduction ratio of 10: 1, an increased 
amount of the 13-phase has been observed, which is 
ascribed to the promoting effect of the deformation 
(strain-induced transformation). 

Fig. 3 also illustrates that the DSC trace recorded 
from the second heating is situated above that from 
the first heating. This is the evidence of a change in the 
heat capacity of the material, probably caused by the 
phase transformation occurring during the first heat- 
ing cycle, because the conditions of the analysis are 
identical. During the reheating over the temperature 
range below 300 ~ no thermal reactions appeared, 
just as during the first heating. The starting temper- 
ature of silicon redissolution was also identical, which 
implies that this reaction is reversible, that is, the 
resolved silicon reprecipitated during the cooling 



following the first heating up to 550~ During the 
second heating, the exothermic effect above 350~ 
was not observed, which means that the material after 
the first heating cycle practically attained the equilib- 
rium state, and hence the thermal effect due to the 
silicon redissolution was no longer disturbed. The 
continuing redissolution of silicon (and a little iron) up 
to the eutectic temperature (at 577 ~ under the pre- 
sent DSC experimental conditions) is clearly illustra- 
ted by the heat absorption in the thermogram. The 
thermal reactions of the as-spray-deposited material 
observed in the DSC analysis give instructive informa- 
tion concerning not only the preform structure but 
also its decomposition behaviour during subsequent 
processing, which will be of use because, in any pro- 
cessing subsequent to spray deposition, heat or combi- 
nations of heat and forces will be exerted on the 
preform. 

3. 1.5. As-spray-deposited microstructure 
Fig. 4 shows the typical SEM microstructure of the 
preform on the transverse and longitudinal sections, 
which is composed of the aluminium matrix, the 
silicon phase mostly with a granular shape, and the 
intermetallic phase with a platelet shape. It is of great 
interest to observe many spherical colonies with a size 
of 10-20 ~m (Fig. 4a and c), characterized by the finer 
and more densely distributed silicon and intermetallic 
phases in their interior, see Fig. 4b. TEM could not 
reveal any boundaries of these colonies. It is very 
important to recognize that the spherical colonies in 
the present Osprey preform can only be discerned in 
microstructural sizes, being completely different from 
those in the aluminium alloys extruded from powders, 
which usually contain oxides that outline the original 
powder particle boundaries. Such a colony-like mor- 
phology observed in the present Osprey preform has 

Figure 4 Scanning electron micrographs taken (a, b) from transverse sections, and (c, d) from longitudinal sections of the preform, showing 
spherical colonies, their structural characteristics and micropores at their peripheries. 

5281 



not been reported by other investigators. It is obvi- 
ously associated with the solidification mechanisms of 
the Osprey processl The difference between the micro- 
structural size inside and outside the colonies clearly 
shows a transition in cooling rate. As stated earlier, 
depending on experimental conditions, the droplets 
finer than a critical size can solidify prior to impinge- 
ment [6]. While under the ideal conditions of spray 
deposition, termed as non-particulate mode of depos- 
ition, the presolidified droplets tend to be remelted to 
lose their identity upon deposition [24], in practice the 
remelting can hardly proceed completely in the top 
layer of a deposit with 10%-40% liquid material. It is 
therefore considered that a certain number of the 
colonies are originated from the remains of the pre- 
solidified droplets which may be partially remelted 
at the deposition surface. However, the presolidified 
droplets are only a part of the total liquid (which was 
estimated to be 16% of the total mass for aluminium 
alloys [6]), and cannot possibly account for the nu- 
merous spherical colonies observed in the microstruc- 
ture. It has been accepted that a substantial number of 
the droplets are in the semi-liquid state on impinge- 
ment, which means that a varying volume fraction of 
solid is already formed in those droplets during flight. 
The solidification at the early stage can proceed 
through multiple, heterogeneous nucleation at the 
surfaces of those droplets as well as in their interior. 
When impacting the deposit surface at a high velocity, 
they are crushed, but the already solidified material 
may retain a spherical shape. The solidification sub- 
sequent to deposition can easily proceed outward 
from these particles until all the liquid in the inter- 
stices is solidified, but at a reduced rate depending 
largely on the external heat transfer. This allows the 
coarsening of the structure outside the colonies. It is 
worth mentioning that presolidified material in the 
large droplets can also be partially remelted when 
embedded in the semi-liquid mixture, due to the local 
heat flow from the liquid. The remelting proceeds until 
local temperature equilibrium is approached, and then 
the remaining solid material acts as nuclei for solidi- 
fication. It is also possible that some of the very fine 
solidified particles are completely remelted upon de- 
position, as postulated under the ideal deposition 
conditions, but renewed, heterogeneous nucleation 
can initiate in situ due to favourable, local composi- 
tional conditions, because these events take place too 
quickly to allow the complete redistribution of the 
solute atoms. Additionally, the possibility of the 
formation of new nuclei, catalysed by the impacting of 
flow gas and newly arriving droplets, cannot be ruled 
out. It is, however, believed that most of the colonies 
observed in the microstructure of the preform are 
originated from the remains of the fine droplets and 
those of the particles in the larger droplets which are 
solidified at the early stage prior to deposition and 
then partially remelted upon deposition. The colony- 
like morphology therefore represents a discontinuity 
of solidification during the Osprey process. 

The microstructural appearance in each colony is 
very similar to an irregular discontinuous ternary 
eutectic, consisting of the non-faceted aluminium ma- 
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trix, the faceted silicon particles and the fi-phase plate- 
lets, typically as shown in Fig. 4b. Note that such a 
eutectic characteristic is completely different from 
normally observed regular eutectics in terms of the 
degree of regularity and interspacing between phases. 
This kind of irregular eutectic has been known in cast 
A1-Si binary alloys [25] and also found in rapidly 
solidified AI-Si alloys [26]. The present observation 
suggests that the irregular eutectic also appears in the 
ternary alloy produced by the Osprey process. Much 
larger interspacing between the 8-phase platelets than 
that between the silicon particles suggests that solidi- 
fication begins with the binary eutectic reaction of the 
aluminium matrix and the faceted silicon particles, 
and is followed by the ternary eutectic reaction when 
the iron in the liquid is rich enough to form the 
8-phase. 

On the longitudinal sections (through the height of 
the preform discs), layering was generally not observ- 
able, but occasionally very fine micropores concen- 
trated close to one plane could be found, which appear 
to result from the spreading of the arriving droplets 
with entrapped gas beneath. Porosity measurements 
showed an average value of 1.2% in the preform, 
which indicates that nearly full consolidation has been 
accomplished in the Osprey process. Microscopy re- 
vealed that the pores had various sizes under 50 ~tm, 
and most of them were situated at the peripheries of 
some of the spherical colonies or at their interstices, 
see Fig. 4d. This suggests that a main cause of the 
porosity formation could be the gas entrapped be- 
tween some arriving droplets and the pre-existing 
deposit. However, another possibility that the evolution 
of hydrogen from the feedstock creates micropores can 
hardly be ruled out and needs to be studied. A close 
inspection of the micropores showed coarsened silicon 
particles surrounding them, indicating locally reduced 
efficiency of heat extraction. Obviously, the micro- 
pores present in the material will act as origins of 
failure, and it is essential to eliminate them by apply- 
ing plastic deformation so as to obtain desired mech- 
anical properties, fatigue resistance and fracture 
toughness in particular. 

In the as-spray-deposited material, the silicon par- 
ticles had an average size of 2 ~m (as determined by 
optical microscopy), being a little larger than that in 
the atomized powder of a similar alloy [18]. However, 
the platelet-like intermetallic phase (with a needle 
shape on sections), being randomly distributed in 
the Osprey preform, was much shorter (only about 
2 5 ~m long), as can be seen in Fig. 5. There is no 
evidence to prove that the long platelets of the inter- 
metallic phase formed in flight were fragmented upon 
impaetion on to the top of the pre-existing deposit at a 
high velocity. More sites of heterogeneous solidifica- 
tion nucleation in the droplets with higher under- 
coolings offered by the Osprey process are probably a 
prime factor that limits the growth of the platelets in 
length to intersection within the colonies which had 
much finer sizes than most of the powder particles 
produced by normal atomization [18]. As the platelet- 
like morphology of the intermetallic phase is generally 
considered to be unfavourable for good workability, 



fatigue properties and fracture toughness [27], it is 
desired to be broken up by the shear stresses intrinsic 
to extrusion, which will be discussed later. 

Fig. 6 shows the transmission electron micrographs 
of the as-spray-deposited material, illustrating the sil- 
icon phase dispersed in and the platelet-like inter- 
metallic 6-phase intersecting the aluminium matrix 
with extremely fine cells. Occasionally, very fine pre- 
cipitates decorate the cell walls, which could not be 
analysed by using XRD because of their very small 
sizes and low volume fraction. It can also be seen that 
in the regions neighbouring the dispersed-6 phase the 
microcellular feature is substantially absent. This 
characteristic microstructure accounts for the solidi- 
fication mechanisms of the alloy during the Osprey 
process which operate mainly in a faceted eutectic 
mode. Solidification starts with the aluminium matrix 

formation at heterogeneous nuclei, because the sub- 
sequent silicon phase nucleation by the solid alumi- 
nium can more easily proceed in view of relative 
interracial energies [-28]. As the cooling rates and 
undercooling levels in the Osprey process are not 
sufficient to prevent the partitioning of the solute 
atoms, microsegregation occurs which results in the 
formation of microcells. As the cellular solidification 
proceeds, the solute concentrations at the growth 
front are increased until the liquid is sufficiently en- 
riched in silicon and iron for an incoherent nucleation 
of the faceted silicon phase and ~-phase. Their forma- 
tion consumes a large number of solute atoms, giving 
rise to the depletion of solutes and the absence of 
matrix microcell walls in their surroundings, as can be 
observed in Fig. 6. The microcell walls with segregated 
solutes are decomposed in the solid state by forming 
precipitates so as to release the supersaturated solute 
atoms, which can occur either at high temperatures 
with the aid of recalescence or during the secondary 
cooling of the deposit. Clearly, the faceted eutectic 
solidification and the subsequent aluminium matrix 
decomposition are responsible for the depletion of the 
solute atoms in the as-spray-deposited aluminium 
matrix, as shown earlier. 

Figure 5 Scanning electron micrograph showing the sizes and 
morphologies of the silicon phase and 6-phase in the preform. 

3.2. Structural evolution during extrusion 
and annealing 

3.2. 1, Matr ix lattice 
XRD lines from the matrix of the material after the 
extrusion at the temperature of 375 ~ and the reduc- 
tion ratio of 10:1 did not show any noticeable change 
in breadth, but the relative intensities from major 
reflection planes were significantly changed due to the 
influence of the texture induced during the deforma- 
tion to the as-spray-deposited material with pre-exist- 
ing texture. Subsequent annealing at 300 and at 400 ~ 
further altered the relative intensities, making them 
progressively approach those from the reference pure 
aluminium with random texture, which suggests an 

Figure 6 Transmission electron micrographs (a) and (b) showing the platelet-like intermetallic phase and silicon phase present in the matrix of 
the preform with microcells. 
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increase in the volume fraction of recrystallized grains 
with rising annealing temperature. The broadening of 
the diffraction lines from the as-annealed matrices still 
existed. It confirms that the lattice strains of the 
matrices caused by the dispersed silicon phase could 
not be eliminated by applying annealing [16]. The 
average lattice parameters of the aluminium matrices 
of the material in the different states, which were 
calculated from the high-angle reflections after elimin- 
ating the K~2 component, are gathered in Table I. The 
similar values clearly indicate that the increased lattice 
parameters (the solutions of silicon and iron within 
their equilibrium solubility limits practically do not 
alter the matrix lattice parameter [15])cannot pos- 
sibly be caused by the retained solute atoms. It also 
shows that the matrix structure after spray deposition 
already approached the equilibrium state and was not 
altered during further processing. 

3.2.2. Intormetollics 
XRD analysis revealed the coexistence o f  the meta- 
stable g-phase and equilibrium 13-phase in the extru- 
ded material. Of interest is the notable increase in the 
amount of the 13-phase and the corresponding de- 
crease in the g-phase as compared with the reflections 
from the as-spray-deposited preform. This is clearly 
shown in Fig. 7, even though a quantitative com- 
parison was difficult to make. Because the as-spray- 
deposited aluminium matrix did not contain excess 
solute atoms, as shown earlier, the increased [3-phase 
must have been transformed from the metastable 
g-phase. This solid state phase transformation was, 
however, almost negligible when the preform was 
heated in the DSC analysis up to the temperature of 
375 ~ as preset for the extrusion. It implies that the 
transformation kinetics was speeded up by the high- 
rate deformation. This effect can be attributed to the 

T A B L E  I Average lattice parameters of the material measured from the {3 3 1} reflection and at 23 ~ 

Peak position d-spacing Lattice 
(20 deg) (nm) parameter (nm) 

Osprey preform 
Material extruded at 375 ~ 
Material heated at 300 ~ for 100 h 
Material heated at 400~ for 100h 
Pure aluminium 

148.5040 0.092 936 6 0.405 10 
148.4987 0.092 937 9 0.405 11 
148.4227 0.092 943 8 0.405 13 
148.4907 0.092 939 7 0.405 12 
148.6299 0.092 907 9 0.404 97 
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reduction of the activation energy for the nucleation of 
the new,phase, the creation of vacancies, dislocations 
and subgrain boundaries which facilitate the atomic 
diffusion, and the increase of temperature which en- 
hances atomic activities. Nevertheless, it should be 
noted that in the material extruded under the given 
conditions, most of the 6-phase was still retained, as 
indicated by the small reductions of the reflections 
from that phase. It means that the experimental ex- 
trusion conditions did not allow the completion of the 
transformation, although it was somewhat promoted 
by the deformation. Based on the DSC and extrusion 
results, it can be predicted that a large increase in 
extrusion temperature and deformation rate will bring 
the transformation to completion. Because the alloy in 
question is normally non-heat-treatable, the volume 
fractions of the as-extruded intermetallic phases are 
very likely to be inherited by the final product. Par- 
ticular attention should therefore be paid to choosing 
appropriate process parameters so as to control the 
intermetallic phases present in the extruded material. 
Unfortunately, no comparative data are currently 
available concerning the proper choice of the inter- 
metallic phases to obtain better properties of the 
alloy with regard to workability and engineering 
applications. 

Because the alloy is designed to be used at elevated 
temperatures, as in automobile engines and com- 
pressors, an understanding of its thermal stability is 
necessary, which was obtained by exposing the ex- 
truded material at 300 and 400~ for 100h in the 

current investigation. The former was considered as a 
normal temperature and the latter as a possible tem- 
perature to be used in service or in secondary forming 
such as forging in order to reduce loads on tooling. 
After the exposure at 300 ~ no apparent change was 
found in the major reflections from both the inter- 
metallic phases, indicating that up to this temperature, 
the as-extruded metastable 8-phase remained untrans- 
formed and hence was thermally stable, in agreement 
with the DSC results. However, after the heating at 
400~ the 13-phase reflections became stronger and 
well defined, and some minor 8-phase reflections al- 
most disappeared (see Fig. 8), which implies an in- 
crease in the volume fraction of the 13-phase. This 
observation is generally consistent with the results 
obtained from the DSC analysis which has shown that 
the transformation starts to occur at about 350~ 
However, in the DSC experiments the bulk of the 
transformation takes place at much higher temper- 
atures (around 485 ~ It should be noted that the 
conditions of the annealing treatment applied to the 
alloy are different from those in the DSC analysis, 
which may be responsible for the reduced trans- 
formation temperature. Firstly, the continuous heat- 
ing applied in the DSC analysis of the preform at a 
relatively fast rate (5~ min -1) pushed the trans- 
formation toward a higher temperature. The iso- 
thermal annealing of the extruded material for 100 h 
provided enough time for atomic diffusion. Secondly, 
the extrusion fragmented the f-phase from long plate- 
lets into short rods, as will be shown below, which 
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Figure 9 Scanning electron micrographs taken from (a) transverse and (b) longitudinal sections of the extrudate showing the fragmented 
intermetallic phase and their alignment in the extrusion direction. 

considerably enhanced their interface energy and thus 
reduced their stability. Thirdly, the stored strain en- 
ergy was not completely released after the extrusion 
due to the resistance of the material to restoration, 
and this would assist the transformation. Therefore, 
the thermal stability of the metastable phase retained 
in the rapidly solidified material is also related to its 
processing history. 

3.2.3.  A s - e x t r u d o d  m i c r o s t r u c t u r e  
As shown earlier from the X-ray diffraction results, a 
high volume fraction of the metastable f-phase was 
retained in the extruded material, but its initial plate- 
let-like morphology (needles on sections) was signific- 
antly altered. Fig. 9a and b show scanning electron 
micrographs taken from the transverse and longitud- 
inal sections of the extrudate, respectively. By com- 
paring them with Fig. 5, it can easily be seen that the 
initial long platelets were fractured into the short rods 
with a length of 0.5-2 lam by shear stresses involved in 
the extrusion deformation. The fragments were gen- 
erally oriented in the direction of the metal flow. The 
original spherical colonies could not be recognized in 
the as-extruded structure, indicating that they were 
destroyed by the metal flow which redistributed the 
silicon particles and intermetallic fragments. The ori- 
ginal micropores were also eliminated by the ex- 
trusion. Therefore, the noticeable characteristics of the 
material produced by the Osprey process no longer 
exist after the extrusion and behaviour of the extruded 
material similar to that produced by other rapid 
solidification techniques can be expected. 

The as-extruded microstructure was homogeneous 
in optical and SEM images, as typically shown in Fig. 
10. However, TEM at high magnifications revealed 
a non-homogeneous, complex microstructure. The 
cellular characteristic as seen in the preform was not 
observable in the extrudate, but a large number of fine, 
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Figure 10 Scanning electron micrograph showing a homogeneous 
structure after extrusion. 

rod-like and granular particles appeared, which were 
distributed non-uniformly in the matrix. Fig. 11 shows 
transmission electron micrographs taken from the 
transverse sections of the extrudate. In some regions, 
subgrains were formed as shown in Fig. l la, but 
dislocations with a high density were present in other 
regions where many dispersed particles were found, 
Fig. l lb. This implies that in those regions the re- 
arrangement of dislocations during and after the de- 
formation was inhibited and thus recovery could not 
be complete. The applied reduction ratio of 10:1 and 
ram speed of 5 mm s-~ give an average deformation 
rate of 2.7 s-  1 [29], at which many dislocation tangles 
are generated which are situated both at grain bound- 
aries and within the grains. Such a deformed structure 



Figure ll Transmission electron micrographs taken from the 
transverse sections of the extrudate showing (a) subgrains, 
(b) dislocation arrays with particles, and (c) recrystallized grains 
surrounded by particles. 

is obviously not thermodynamically stable and thus 
has a strong propensity to rearranging the dislocation 
network to a new configuration of lower energy. In the 
regions where the dispersed particles have a high 
density, however, the motion of the locked disloc- 

ations to the grain boundaries or to form subgrains is 
difficult and as a result the worked structure is re- 
tained. The proceeding of recovery as a principal 
restoration mechanism in the extruded material, how- 
ever, does not necessarily exclude the possibility that 
locally recrystallized grains can be formed. Fig. l l c  
shows a transmission electron micrograph illustrating 
recrystallized grains being surrounded by the dis- 
persed particles. It clearly demonstrates that the two 
restoration mechanisms, namely, recovery and recrys- 
tallization, can operate independently throughout the 
extrudate. The strain energy produced by the high- 
rate deformation can be released by recovery. But at 
such locations as subgrain boundaries and the inter- 
faces between the non-deformable, unbroken particles 
and the aluminium matrix where high misfits are 
introduced by the deformation of the bulk material, 
recrystallization can possibly intervene. The recrystal- 
lized grains were also observed on the longitudinal 
sections of the extrudate. Fig. 12a shows a nucleus of 
recrystallization which might originate at the subgrain 
boundary junction or at the nearby particles. The 
nucleus with high-angle misorientation, indicated by 
sharp contrast to the neighbouring grains, is growing 
into the surrounding subgrains which have undergone 
recovery. Because the material was cooled in air after 
the extrusion, the recrystallized grains could be 
formed either dynamically or statically. The latter, 
however, has a higher possibility because of the absence 
of interior dislocations in the new grains. It should be 
stressed that despite the presence of some recrystal- 
lized grains, the extruded material has principally a 
recovered microstructure. The longitudinal observa- 
tion gives some typical characteristics of the extruded 
material. Fig. 12b shows a banded structure which is 
composed of elongated grains with different densities 
of the interior particles being aligned in the extrusion 
direction. These particles play a very influential role in 
the internal structure of the grains. In particle-deple- 
ted grains, only very indistinct traces of dislocation 
tangles or subgrains can be seen, indicating that in 
these regions, dislocations can move relatively freely 
to interact, allowing annihilation, or move to the sinks 
such as grain and subgrain boundaries. In the regions 
with densely distributed particles, however, the mobil- 
ity of dislocations is substantially reduced. A close 
inspection could reveal the interlocking of disloca- 
tions and the particles aligned in the direction of 
extrusion, as can clearly be seen in Fig. 12c. It is thus 
clear that the inhomogeneity of the as-extruded micro- 
structure is largely caused by the non-uniform dis- 
tribution of the dispersed particles in the aluminium 
matrix that determine the ease with which dislocations 
can move. 

3.2.4. A s - a n n e a l o d  microstructure 
As shown above, the as-extruded structure of the 
material has not attained the equilibrium state and 
will be further restored, provided that temperature 
and time allow so. Annealing the extruded material at 
300 ~ for 100 h led to an increased number of isolated 
recrystaltized grains, as typically shown in Fig. 13a. 
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Figure 12 Transmission electron micrographs taken from the 
longitudinal sections of the extrudate showing (a) a recrystallized 
grain formed inside a deformed grain, (b) a banded structure, and (c) 
association of dislocations with the particles aligned in the extrusion 
direction. 

However, their growth into the deformed grains was 
obstructed by the massive particles in the aluminium 
matrix (see Fig. 13b). Dislocation tangles with a high 
density as observed in the extruded material (Fig. 1 lb) 
could not be found, indicating that they overcame the 
pinning of the particles during the annealing. Many 
equiaxed subgrains were formed, but their boundaries 
were not always sharpened (Fig. 13c), particularly 
at those boundaries where particles were located. 
Fig. 13d shows a low-angle boundary triple junction 
consisting of ordered dislocation arrays associated 
with a high density of particles. A possible cause for 
the observed dislocation arrays is the pinning effect of 
the particles that inhibit the interaction of the neigh- 
bouring dislocations. Another cause could be the dif- 
ference in thermal shrinkage between the particles and 
the aluminium matrix that results in thermal strains 
on the aluminium matrix side. The subgrain size in the 
annealed material was not uniform because of the 
differing inhibition of subgrain boundary migration 
exerted by the high volume fractions of particles 
non-uniformly distributed throughout the aluminium 
matrix. In general, the prolonged soaking at the tem- 
perature of 300 ~ which is above 0.5Tm (where Tm is 
the melting point in K) only helped the resumption of 
recovery which did not proceed fully after the ex- 
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trusion deformation, and the microstructure of the 
material was still principally recovered in spite of the 
presence of some localized, recrystallized grains. 

After the isothermal annealing at 400 ~ the vol- 
ume fraction of recrystallized grains was further in- 
creased and they exhibited well-defined boundaries, as 
shown in Fig. 14a. It was also noted that most of the 
new grains were situated inside the deformed grains, 
suggesting that they were not formed by !ihe migration 
of original grain boundaries. The growth ,0f the re- 
crystallized grains was still difficult, as ~ih Be seen in 
Fig. 14b which shows the size of a recry~tallized grain 
being restricted to the interspacing of the inhibiting 
particles. It was previously observed that the worked 
microstructure of a powder metallurgy A1-20Si-5Fe- 
3Cu-1Mg alloy was not completely recrystallized after 
being heated up to 470 ~ for 1 h [30]. The present 
result indicates that the prolonged soaking could not 
bring th e deformed structure to a completely restored 
state either;~ p rSbably because a saturation state of 
recrystallization was attained. Therefore, the observed 
recrystallization behaviour of the present aluminium 
alloy containing high volume fractions of particles 
cannot be described by the conventional kinetics of 
recrystallization which states that the recrystallization 
is an isothermal process and the fraction of the re- 
crystallized volume is a function of time above the 
recrystallization temperature [31]. 

In the microstructure of the material after 
annealing, the amount of 13-phase was apparently 
increased, but a systematic coarsening of the inter- 
metallics could not be found. The [3-phase, being finer 
than the retained 6-phase was generally not visible 
with optical microscopy. Fig. 15 shows the thermal 
stability of the silicon phase and the retained 8-phase 
in the material annealed at the given temperatures for 
100 h, as determined by optical microscopy. It can be 
noted that the retained 6-phase remains stable over 
the range of annealing temperatures, while the silicon 



Figure 13 Transmission electron micrographs taken from the material annealed at 300 ~ for 100 h, showing (a) an isolated, recrystallized 
grain, (b) growth of a recrystallized grain being stopped by particles, (c) association of particles with subgrain boundaries, and (d) interaction 
of subgrain boundaries and particles. 

Figure 14 Transmission electron micrographs taken from the material annealed at 400 ~ for 100 h, showing (a) a well-defined high-angle 
grain boundary after recrystallization, and (b) a recrystallized grain within the interspacing of the particles in a deformed grain. 

particles are coarsened at 400 ~ which is clearly due 
to the higher diffusivity of  silicon a toms in the alumi- 
nium matrix. At this temperature,  the silicon particles 
are able to coalesce th rough  bulk diffusion, grain- 

boundary  diffusion and pipe diffusion. Another  cause 
for the coarsening could be the reprecipitation of 
silicon which was resolved at the soaking temperature 
f rom initially finer silicon particles with relatively high 
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surface energies, at the existing, larger silicon particles 
during the subsequent cooling. Therefore, the ex- 
truded material should preferably not be used at the 
temperatures above 400 ~ where the coarsening of 
the silicon particles and the transformation of the 
metastable 8-phase occur. 

4.  C o n c l u s i o n s  
1. The A1-20Si-5Fe alloy preform produced by the 

Osprey process contained only 0.015% oxygen on 
average, much less than the material produced by the 
conventional powder metallurgy. Measurements of 
porosity showed an average value of 1.2%, and micro- 
scopy revealed that the sizes of the pores were finer 
than 50 gm and that they were situated at the peri- 
pheries of spherical colonies. The micropores were 
eliminated through the extrusion at a reduction ratio 
of 10: 1. 

2. Two different kinds of finely dispersed particles 
were formed in the aluminium matrix during solidi- 
fication: a metastable intermetallic phase, defined as 
8-A14FeSi~, with a shape of platelets, and silicon phase 
with a granular shape. The formation of the equilib- 
rium [3-phase was effectively suppressed during the 
Osprey process. The 8-phase is considered to be for- 
med together with the faceted silicon particles and the 
aluminium matrix through a ternary eutectic reaction, 
according to the irregular discontinuous eutectic char- 
acteristic of the preform microstructure. A significant 
amount of the 8-phase was retained in the material 
having undergone extrusion at 375 PC and annealing 
at 300 and 400 ~ but its morphology was changed 
from platelets into short rods by the shearing involved 
in extrusion deformation. 

3. XRD analysis of the preform exhibited broad- 
ened and shifted reflections from the aluminium 
matrix, which could be attributed mainly to the micro- 
strain resulting from the difference in thermal shrink- 
age between the dispersed silicon phase and the alumi- 
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nium matrix. The unusual increase of the lattice para- 
meter of the aluminium matrix persisted throughout 
the processing applied in the present experiments, 
suggesting an insignificant effect of the dissolved at- 
oms on the aluminium matrix lattice parameter. DSC 
analysis confirmed that there was almost no super- 
saturation in the aluminium matrix of the preform 
produced by the Osprey process. This is explained by 
the solidification characteristics of the alloy in the 
Osprey process which a!lows the extensive formation 
of the silicon phase and 8-phase at high temperatures 
and the further decomposition of the solid solution 
during secondary cooling. 

4. DSC analysis revealed the commencement of the 
redissolution of the silicon phase at 300 ~ and more 
importantly the decomposition of the metastable 
8-phase to form the equilibrium f-phase at 350~ 
(peaked at 485 ~ Extrusion at 375 ~ resulted in an 
increased amount of the [3-phase, which is considered 
to be assisted by the high-rate deformation. Annealing 
at 400 ~ subsequent to the extrusion further brought 
about the formation of the 13-phase, largely due to the 
fragmentation and thus destabilization of the retained 
8-phase. The importance of choosing appropriate ex- 
trusion conditions is thus emphasized in order to 
control the phase constitution of the material. 

5. The microstructure of the preform showed nu- 
merous spherical colonies with sizes of 10-20 gm and 
finer internal dispersed phases. They are considered to 
be the remains of presolidified droplets of very fine 
sizes and presolidified material in the larger droplets, 
after being partially remelted at the deposition surface. 
The observed morphology suggests a discontinuity of 
solidification during spray deposition. Extrusion de- 
formation destroyed the colonies and redistributed the 
silicon phase and the retained 8-phase. 

6. Very fine microcells with precipitates at their 
walls were observed in the as-spray-deposited alumi- 
nium matrix, which are attributable to the character- 
istics of solidification and subsequent decomposition 
of the alloy during the Osprey process. After the 
extrusion, the microcells disappeared. The as-extruded 
aluminium matrix was inhomogeneous, being com- 
posed of subgrains, sometimes with high density of 
dislocations, and isolated, recrystallized grains. Sub- 
sequent soaking at 300 ~ for 100 h annealed out the 
remaining dislocations and allowed the resumption of 
recovery. Annealing at 400 ~ brought about an in- 
creased volume fraction of recrystallized grains, but 
their growth was generally impeded by the particles 
dispersed in the aluminium matrix, resulting in a 
partially recrystallized microstructure. The retained 
8-phase remained thermally stable, but the silicon 
particles were coarsened after the exposure at 400 ~ 
for 100 h. 
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